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captured by first looking past the paper at some object about
three times as far from the eye as the views are, seeing the
three views out of the bottom of the eyes, and then finally
focusing on the middle view. It takes an appreciable time
for the final focus to become effective. Horizontal align-
ment is essential.
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Impact of Dislocation Theory on Engineering

JOHN E. DORN* AND JACK B. MrrcHELLf
University of California, Berkeley, Calif.

Dislocation theory is discussed in terms of the nature and properties of individual disloca-
tions and their interactions. Examples are given illustrating how dislocation theory permits
a description of the mechanical behavior of crystalline materials in terms of mathematical,
physical, and chemical concepts familiar to engineers. Although the paper presents several
direct results of the application of dislocation theory to the development of engineering ma-
terials, the major emphasis is given to the value of dislocation theory in the development of a
sound philosophical background and simple analytical procedures for the development of new
crystalline materials and for predicting how real materials might behave under new and
different environmental conditions.

Introduction

HINTS concerning the possible importance of some dis-
location-like imperfections in crystalline materials were

announced in 1928 and 1929 by Prandtl1 and Dehlinger.2 In
1934 Taylor,3 Orowan,4 and Polanyi5 independently "in-
vented" models of slip dislocations on which the presently
accepted dislocation theory is based. Progress in extending
this new engineering science was extremely slow prior to 1948.
This delay might, in part, be attributed to interruptions by
World War II, but it was principally because 1) no one had
truely "seen" dislocations except in terms of very indirect
evidence, and 2) several different investigators could marshall
evidence to "describe" the same experimental facts in terms
of several unique and often apparently contradictory disloca-
tion models. It is now recognized that dislocations are ex-
tremely versatile, a fact that stimulates the imagination and
warns against hasty and na'ive interpretations.

Since 1948 great progress has been made in our grasp of the
subject of dislocations: 1) dislocations can now be "seen" in
a number of ways: 2) a vast body of sound theory has been
generated; and 3) a host of experimental observations can
now be uniquely and accurately analyzed in terms of the
theory. On the other hand, much yet needs to be done before
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a full and accurate account of all issues can be presented, and
because dislocations are so versatile, theory and experiment
must yet be advanced simultaneously, each complementing
the other in arriving at the truth.

Dislocation theory has been, and is currently being, applied
toward the development of new alloys. It has led to the de-
velopment of nonstrain-aging automotive sheet and to the
development of extremely high-strength ausformed steels, and
it is now being applied to the development of new creep-re-
sistant alloys of the refractory metals and to the possible
production of ductile ceramics. Such direct examples of ap-
plications are easily appreciated. However, there is another
perhaps greater, but less obvious, significance of dislocation
theory to the engineer: It gives him a sound analytical basis in
terms of atomistics and the mathematical theory of elasticity
on which to base his judgment not only regarding the de-
velopment of new crystalline materials having special desirable
properties but also with respect to predictions of how real
materials might behave under new and different environ-
mental conditions. It will help him to decide whether or not
the plastic behavior of a new material will be temperature- or
strain-rate sensitive and whether the flow stress will be so
high at low temperatures that notch-sensitivity and brittle-
ness may be imminent, and it will provide the basis for
formulating the constitutive equations essential to the solu-
tion of problems of deformation of materials.

Since this paper is being written primarily for those engi-
neers who have only a modest background in the subject,
some of the elementary concepts on the nature of dislocations,
their stress fields, and energies will be reviewed before other
more sophisticated problems are illustrated.

Nature of Dislocations

As shown in Fig. 1, the theoretical resolved shear stress r
for slip in an ideal single crystal is 10% of the shear modulus
of elasticity. Extremely small whiskers of metallic and



JANUARY 1964 IMPACT OF DISLOCATION THEORY ON ENGINEERING 49

ceramic crystals occasionally approximate this strength, sug-
gesting that they are ideal, but many pure single crystals be-
gin to deform plastically at 10 ~4 to 10 ~3 of this value and are
therefore imperfect. Crystals can exhibit point, line-of-sur-
face imperfections (Fig. 2), but only the line imperfection
known as a dislocation can account for slip on a slip plane in a
slip direction. The unit motion of a dislocation is shown in
Fig. 3. In contrast to slip in the ideal crystal (Fig. 1), where
all atoms on the slip plane move in unison, only small readjust-
ments of atom positions in the vicinity of the core of the dis-
location are required to cause slip in the real crystal (Fig. 3).
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Fig. 1 Yield stress in an ideal metal (materials: metallic
and ceramic whiskers about I-/* diam).
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Fig. 2 Crystal imperfections.
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For this reason a real crystal often has low yield strength but
can be made quite strong by imposing barriers to the motion
of dislocations in the form of other dislocations, solute atoms,
or dispersed particles.

A general dislocation is shown in Fig. 4a, where we have
conceived the dislocation to be born at a point of stress concen-
tration so as to sweep out the cross-hatched area. The dis-
location line A BCD demarks the region that was displaced
by the Burgers vector b in the slip direction from the un-
slipped portion of the crystal. An extra half plane of atoms
was crowded into the region above AB which is now an edge
dislocation (Fig. 2). The edge dislocation line AB is normal
to its Burgers vector b, so that the Burgers vector and the line
define the slip plane. Segment CD, shown as a plan view of
atomic positions in Fig. 4b, is a screw dislocation where the
atoms form a spiral ramp around the dislocation line. Since
a pure screw dislocation is parallel to its Burgers vector, it
cannot be associated with a specific slip plane; hence it can
cross-slip from one plane to another. Segment BC is a mixed
dislocation having both edge and screw components. Since
slip dislocations are lines that demark slipped from unslipped
regions, they must either terminate on the surface of the
crystal or form closed loops, and the Burgers vector, which is
the atomic slip distance, must be constant along the total
length of the dislocation. Dislocations can be "seen" by
various techniques. Figure 5 shows a typical three-dimen-
sional Frank network of dislocations as revealed by thin film

Fig. 4 General slip
dislocation.

GENERAL SLIP DISLOCATION

b) SCREW DISLOCATION. PLAN VIEW
OF SLIP PLANE

O ATOMS ABOVE SLIP PLANE
+ ATOMS BELOW SLIP PLANE

Fig. 3 Motion of dislocations.

Fig. 5 Transmission electron micrograph of Cu strained
about 10% illustrating the dislocation network and the
beginning of the formation of dense entanglements in

cells. Courtesy of J. Washburn.
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Table 1 Dislocation processes

Fig. 6 Single crystal of MgO which was strained plas-
tically and etched. Arrays of dislocations can be seen in

intersecting slip bands. Courtesy of J. Washburn.

electron transmission microscopy. Figure 6 is a deformed and
etched crystal of MgO showing a series of etch pits at points
where dislocations on slip bands intersect the surface of the
crystal. Other techniques, such as absorption of infrared
light in Si at dislocations decorated with Cu, have been used
to "see" dislocations.

Stress Fields and Dislocation Energies

A most interesting feature of dislocation theory arises from
the fact that it permits the rationalization of the plastic be-
havior of crystalline materials in terms of the theory of elas-
ticity. Dislocations, such as CD in Fig. 4b; are the center of
a region of elastic deformation in the crystals; consequently,
plastic deformation arises only from the motion of such
elastic strain centers. Such contained elasticity for con-
tinuum mechanics was discussed by several elasticians long
before the advent of dislocation theory; for example, im-
portant contributions were made as early as 1907 by Volterra6

in his analyses on "distortion!." Several more pertinent ac-
counts of the mathematical theory of dislocations have now
been published.7"10

The shear strain 7 a distance r from the center of a screw
dislocation is readily estimated to be b/2irr, since the ramp of
atoms advances b for one complete circuit.11 Consequently,
the shear stress is r = Gb/2irr. As shown in Fig. 7a, two dis-
locations of opposite sign on the same slip plane will attract
and annihilate each other, since the total strain energy is re-
duced when this happens. When a stress r is applied, the

o) TWO DISLOCATIONS ON THE
SAME PLANE

b) TWO DISLOCATIONS ON
DIFFERENT SLIP PLANES

Fig. 7 Interaction stresses between dislocations.

Class Characteristics

1) Athermal and velocity in-
sensitive examples:
a) Long-range stress fields
b) Short-range and long-

range ordering in alpha
solid solutions

c) Suzuki-locked alloys

2) Thermally activated
examples:
a) Peierls process
b) Intersection
c) Cross-slip for dissoci-

ated dislocations
d) Climb of edge disloca-

tions
e) Viscous creep due to so-

lute atom interactions

3) Athermal but velocity-sen-
sitive examples:
a) Relativistic motion of

dislocations15

b) Phenon interactions
with moving disloca-
tions16

Activation energies that are
greater than 50 kT and there-
fore cannot be thermally ac-
tivated. D e f o r m a t i o n
stresses that are independent
of the strain rate and insen-
sitive to the test tempera-
ture, usually

r = r{y] (a)

Activation energies are less
than 50 kT. Flow stresses
that decrease rapidly with an
increase in temperature or
a decrease in strain rate.
Creep processes:

(b)
Not thermally activated but

yet exhibiting an effect of
strain rate on the stress :

7 = 10 pbcr
(c)

positive dislocation moves to the right and negative to the
left, as shown in Fig. 7b. The stress necessary to make them
separate must overcome their mutual attractions and there-
fore exceed r* = Gb/4:iry. Thus, as a metal is strained and
more dislocations are introduced, y decreases, resulting in one
of the several contributing mechanisms of strain hardening.

One of the most significant features of a dislocation is its
energy12; this is the strain energy F induced in the crystal
lattice as a result of the dislocation. If we consider a unit
length of a screw dislocation, the strain energy per unit
volume at a distance r from the core of the dislocation is

dT/2irrdr = rj/2 = Gbz/2(2irr)* (1)

For the usual geometric conditions that prevail in establishing
the boundary conditions, the integral of this equation sug-
gests that the energy per unit length of a dislocation is ap-
proximately

F = 0.5G62

Dislocation Mechanisms

(2)

The mechanisms that dislocations13 can undertake are
conveniently classified into three major groups (Table 1).

b = 0/2 [MO]

b,= a/6 [211]

b = a/6 [?2l]

a = LATTICE CONSTANT

( a )

( b )

Fig. 8 Atomic arrangement and burgers vectors in FCC
crystals.
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Fig. 9 Partially dissociated dislocation.

Occasionally, only one of these mechanisms controls the
plastic deformation, but usually several are operative at one
time. As shown by Eq. (a) of Table 1, the athermal processes
generally have flow stresses that are independent of strain
rate. In contrast, thermally activated processes exhibit flow
stresses that decrease with increasing temperature and de-
creasing strain rate.14 In Eq. (b) of Table 1, /+ is the fre-
quency and u+ is the activation energy for the forward motion
of dislocations. The amount of energy u+ that must be sup-
plied by thermal fluctuation in order to activate the process
depends strongly on the applied stress r; usually u+ also de-
pends on the dislocation substructure sir and only mildly on
the temperature T. The net strain rate is obtained by taking
the difference between the forward (+) and reverse ( —)
rates.

Suzuki Locking of Dislocations

Suzuki solute-atom locking of dislocations is an interesting
example of an athermal process.17 The atomic arrangements
of atoms on successive (111) planes in FCC crystals, as shown
in Fig. 8, follow the sequence ABC ABC, etc. The total slip
Burgers vector 6, however, will dissociate into a pair of
Shockley partials as shown by Eq. (a) of Fig. 8, because the
total energy decreases as a result of this reaction as calculated
in Eq. (b) of Fig. 8. When this dissociation occurs, the new
arrangement in Fig. 9 is obtained. The two Shockley partials
are A A' having a Burgers vector 61, and BE' having a Burgers
vector 62. Whereas to the left of A A' and to the right of BBf

the atoms have the normal sequency of layering for the FCC
system, between the two Shockley partials they have the
sequence C\AC\ ABC, etc., and thus exhibit a stacking fault.
Since the sequence C AC AC A, etc., is that for the layering of
successive basal planes in the hexagonal CP system, the
stacking fault consists of two layers of atoms based on the
hexagonal lattice. Since the FCC system is the more stable,
the free energy of the crystal increases as the partials separate
to greater distances. A minimum total free energy change is
encountered at an equilibrium distance of separation d. An
analogous situation occurs on the basal plane of hexagonal
CP metals, where now the stacking fault consists of two
layers of atoms arranged in the FCC sequence.

Suzuki showed that, when a binary alloy is hot enough
(e.g., ^above about 0.4 of the melting temperature) so that
diffusion can occur, the solute element will distribute itself
between the surrounding ideal crystal and the stacking fault
as demanded in all two-component two-phase equilibria.
Under these conditions the situation shown in Fig. 10 will
prevail. A composition cf of the solute atoms will be ob-
tained in the stacking fault, whereas the composition in the
sound part of the crystal will remain nearly the average com-
position c. If a unit length of each partial dislocation is

Fig. 10 Movement of dislocations in Suzuki located alloy.

moved a distance d by an applied stress r, the work done is
rbd and the volume 2hd is swept out by each partial dislocation,
where h is the height of each atomic layer. As dislocation A
moves to A', the increase in free energy is 2h/V(Fcf — Fc/\
where V is the molar volume, and Fcf and Fc/ are the free
energies at composition cf of the ideal crystal and the fault,
respectively. Similarly, the motion of the partial dislocation
from B to B' requires an increase in free energy of 2h/V(Fcs
— Fc). Since the work done by the stress mechanically must
account for the total increase in chemical free energy,

r = 2h/bV{(Fcf - Fc) - (Feff - Fcf)} = 2hAF/bV (3)

where 2h/bV is well known from the crystal structure. The
necessary thermodynamic data for obtaining the equilibrium
composition and the free energies in the faulted region are not
known, so that the deformation stress cannot yet be accurately
calculated. Assuming, however, that both the ideal crystals
and the faulted region are ideal solutions, it follows that,
under equilibrium conditions,

where
- cf) = (c/(\ -

= V/2h(yb - 7o)

and where yb and ya are the stacking fault energies per square
centimeter in the pure components b and a of the alloy. In
this event,

T = (c - cf)(yb - ya)/h (6)

The work that must be done to unlock a Suzuki locked alloy
can be quite high, and it cannot be supplemented by local
thermal fluctuations. Therefore, the deformation stress
changes with temperature only insofar as the temperature
affects 75 — ya, and Suzuki-locked alloys can maintain
rather high flow stresses even up to temperatures approaching
their melting point. The introduction of Suzuki locking
might provide one of the bases for the development of engi-
neering alloys that can maintain their lengths even at high
temperatures.

To date, the only example of effective Suzuki locking which
has been uncovered is for basal slip in the hexagonal phase of
Ag containing 33 at.% Al. The variation of upper and lower
yield strengths with temperature and strain rate is shown in
Fig. 11. It is immediately apparent that changes in the
shear strain rates from 10~4 to 104/sec do not materially affect
the yield strength. Furthermore, in contrast to the usual
trends, the upper yield strength increases as the temperature
increases above about 0.4 of the melting temperature. These
trends, wholly inconsistent Cottrell pinning of dislocations,
are consistent only with those expected to Suzuki locked
alloys. Assuming that Suzuki locking is operative in this
alloy, the values of yb — ja deduced from the upper yield
strength data for the higher temperature range where equi-
librium is maintained give reasonably good values for stacking
fault energies, which vary almost linearly with temperature as
expected.

Peierls Mechanism

This mechanism is a thermally activated process that is
strain rate controlling for low-temperature plastic flow in
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Fig. 11 Resolved shear stress vs temperature for basal
slip of Ag (67%)-Al (33%) alloy.

BCC metals and for prismatic slip in hexagonal CP metals.
The Peierls process has been discussed by Seeger,18 Seeger,
Donth, and Pfaff,19 Lothe and Hirth,20 and Friedel21; a brief
outline of a more recent analysis by Dorn and Rajnak22 is
given below.

A dislocation has its lowest energy when it is in a valley
parallel to a line of closely packed atoms as shown in Figs. 3a
and 3b. As the dislocation moves from 3a to 3b, the
bond angles and distances between atoms change and an in-
crease in energy results. In FCC metals this energy increase
is very small but is appreciable in BCC metals, which probably
exhibit some covalent bonding. Although more general cases
have been explored,22 it is assumed here that the Peierls hill is
sinusoidal (Fig. 12), with line energies per unit length of dis-
location of Fc and F0 at the hilltops and valleys, respectively.
To move the dislocation as a unit over the Peierls hill at the
absolute zero, a Peierls stress rp is required, and the maximum
force per unit of the dislocation length is

rpb = (dr/d^/a^/2 - 7r/a(Fc - To) (7)
When a stress r < TP is applied, the dislocation will advance
part way up the Peierls hill to a position yQ (Fig. 13), where
the force to hold the dislocation at y = yQ is

rb = (dT/by)yo = -7r/a(Fc - F0) sin(27n/0/a) (8)
The stress r is the temperature-dependent contribution to the

c o s 2 T T y / Q

total flow stress. If ra is the applied stress and T* is the stress
to overcome athermal mechanisms, r = ra — r*. At tem-
peratures above the absolute zero, thermal fluctuations can
assist the stress to locally bow out the dislocation (Fig. 13a).
When the energy of a thermal fluctuation is great enough, a
pair of kinks will be produced (Fig. 13b). Such kinks will then
migrate under the applied stress to the geometric limits of the
dislocation segment on which they formed. The frequency of
nucleation of a pair of links, vnj in a length L is given by the
Boltzmann condition:

vn = (L/w)pDe~u^kT (9)
where un is the saddle point energy required from a thermal
fluctuation to form two kinks, k is the Boltzman constant, T is
the absolute temperature, VD the debye frequency, L the
length of dislocation, and w is about the length over which
the critical fluctuation takes place. Then, in accord with the
previous discussions, the shear strain rate is given by

7 = P/L(La)(L/w}bvDe-u^kT (10)

where p is the total length of dislocation per cubic centimeter,
p/L is the number of lengths L, and La is the area swept out by
the kink pair per successful fluctuation.

The value of un is equal to the increase in the line energy of
a dislocation having a critical configuration for the nucleation
of a pair of kinks. The increase in energy for a dislocation
having any shape y = y{x] above that for one lying along
y = yG (Fig. 14) is given by

- rb(y - dx (11)

where the first term gives the line energy of the dislocation
having a shape y ̂  y{%\ , the second term gives the equi-
librium line energy at y =2 /0 , and the third term is the work
done by the stress during the displacement from yQ to y =
y { x } . The minimum energy associated with the critical dis-
location configuration is determined in terms of the calculus
of variation by Euler's equation that

(12)

(13)

- rb(y - y0)
d/dx't>/t>(dy/dx)[T{y}{l + (dy/dx)*}1'* -

- rb(y -

which simplifies to

rb = d / d y [ Y { y } / { l +

Integrating once and applying the appropriate boundary
conditions gives

dx
I 1/2

rb(y - 7/0)l2 I
(14)

which is the condition for the equilibrium kink shape of
minimum energy. The critical solution of Eq. (14) occurs for
(y)x=Q — Xc where (dy/dx)x=$ = 0, which requires that

F{X0} = r{?/o} + rb(\c — 2/0) (15)

Changing the independent variable in Eq. (11) from x to y
and introducing Eq. (14) yields

/: - [rb{y - y0] (16)

which gives un as a function of T.
At a critical temperature Tc, T = 0, and the total energy for

kink nucleation which is supplied by the thermal fluctuation
is from Eq. (11), un(Tc) = 2uK, where UK is the energy of a
single isolated kink; also at TC) Eq. (20) yields

Fig. 12 Peierls hills and a dislocation lying in the valley. 7 = P/L(La)(L/w)bvDe~2uK/kT (17)



JANUARY 1964 IMPACT OF DISLOCATION THEORY ON ENGINEERING 53

Within the temperature range 0 < T < Tc, where Eq. (10) is
valid,

un/2uK = T/TC (18)
as is seen by comparing Eqs. (10) and (17). Numerical inte-
gration of Eq. (16) is given in Fig. 15, which shows how the
flow stress should vary with temperature for this idealized
formulation of the Peierls process. The experimental datum

a ) b )

Fig. 13 The nucleation of a pair of kinks.

\
\

\ \
^ \

x 0

0 \ \c

Fig. 14 Configurations during the nucleation of a pair of
kinks.

U n / 2 U k = T/TC

Fig. 15 Effect of stress on the energy to nucleate a pair of
kinks.

points for the Ag-Al alloys (region I, Fig. 16) are in excellent
agreement with the theoretically predicted curve deduced
from Fig. 15.

Many important details of low-temperature plastic be-
havior of refractory BCC metals can be correlated in terms of
theory. For example, the almost horizontal portion of the
stress vs temperature curve for W as the temperature ap-
proaches zero represents not plastic flow but fracturing. As
shown in Eq. (17), a decrease in 7 or an increase in p would
result in a lower value of Tc and therefore a lower brittle-to-
ductile transition temperature. The value of p might be in-
creased by small plastic deformations in the ductile region.
Metals having higher shear moduli and higher Peierls hills
will be more susceptable to low-temperature brittleness.
Since the flow stress can now be analyzed in terms of the
Peierls theory, half of the theory for brittle fracturing is
known; the remaining part concerns the effect of various
factors on the fracture stress.

Plastic Waves

All mathematical theories for plastic wave propagation,
which are extensions of the classical theory developed inde-
pendently by von Karman23 and Taylor,24 are based on the
equations for conservation of momentum and on the condi-
tions for continuity. For the simple case of a plastic wave
moving down a very thin rod, these equations are given in
Table 2.

Equations (al) and (a2) of Table 2 reveal that the velocity
of a shock along the rod is

Since there are three dependent variables (<r,e,z;) Eqs. (a) and
(b) of Table 2 must be solved simultaneously with a third equa-
tion which describes the plastic behavior of the rod material.
In their development von Karman and Taylor assumed the
deformation stress to be an exclusive function of the strain.
Dissecting a finite shock into a series of small shocks such that
[cr]/[e] for each small shock approximates dcr/de, the shock
velocity becomes

Therefore, at stress levels below the yield stress the elastic
wave velocity is (E/p)1/2, where E is Young's modulus,
whereas plastic waves are predicted to have slower velocities,
since dcr/de in the plastic region is less than E. The only de-
batable issue in the original theory concerns the assumption
that the deformation stress is an exclusive function of strain
independent of time. The answer to this question for plastic
waves in crystalline materials must be sought in terms of the
behavior of dislocations.

SLOW TENSION r«te!0'4/SEC
DYNAMIC SHEAR

ADJACENT NUMBERS =
STRAIN RATES IN ICOO/SEC.

200 3OO 4OO 500 600 700 8OO 900 KXKD
TEMPERATURE, °K

Fig. 16 Prismatic yielding vs temperature in Ag (67%)-
Al (33%) alloy.
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Table 2 Equations for plastic wave propogation in a thin
rod

Condition for
continuity

Conservation
of momen-
tum

Continuous variations

de/c)£ = df/do: (al)

dcr/da = p(dv/d£) (a2)

Hugoniot shock
conditions

[e]da/d£ = -v (bl)

= _p[t,]baAM(b2)

where
= axial engineering strain
= time
= particle velocity
= Lagrangian coordinate along rod axis
= axial engineering stress
= density
= a shock in the bracketed value

Frank25 has shown that the line energy of a dislocation in-
creases with its velocity. A screw dislocation moving with a
velocity v has a line energy given by the relativistic-like
equation

rr = FO/{I - (21)
where F0 is the rest energy of the dislocation and c is the elastic
shear wave velocity in the crystal. Several important deduc-
tions result. The energy of a dislocation becomes infinite at
velocities approaching the speed of sound. Unless certain
special conditions prevail, the dislocation velocity cannot ex-
ceed the speed of sound. Dislocations have inertia; for ex-
ample, expanding Eq. (13) into a Taylor's series reveals
that a slow-moving dislocation has an effective mass F0/c2.

When a stationary dislocation is subjected to a shock in
stress, it will immediately begin to accelerate, but since it has
inertia it will not experience an instantaneous displacement.
Therefore, no shock in plastic strain is possible, and Eq. (20)
is, in general, invalid. The shock in total strain is exclusively
the shock in elastic strain, and the wave will travel down the
bar with the speed given by Eq. (19). This deduction is con-
sistent with the experimental facts reported by Sternglass and
Stewart,26 Alter and Curtis,27 and Riparbelli.28

The fact that dislocations have inertia suggests that under
shock loading it will be necessary to account for the accelera-
tion of dislocations in terms of the applied stress. Neglecting
velocity sensitive dissipative mechanisms, the accelerative
period can be estimated by equating the rate at which work
is done on a moving dislocation to the increase in line energy.

Accordingly,

(T - r*)bv = 5F/d£ (22)

where T* is the stress where the dislocation will move against
long-range stress fields. Integrating Eq. (22), letting v = 0 at
t = 0, gives

(r - r*)bct = - (»/c)']>" (23)

Introducing values appropriate for Al, namely c = 5 X 10~5

cm/sec, b = 2.86 X 10~8 cm, and F0 = Gb*/2 = 1.1 X 10~4

erg/cm, the dislocation will reach a velocity of 0.9C in 2 X
10~~n sec for a small stress of 108 dyne/cm2. The shear strain
at this time is given by

7 -r.'2 X 10~u

p'bvdt = 1.4 X 10~4 (24)

where p' is the density of moving dislocations taken to be
108/cm2. Obviously, the dislocation accelerates to its limiting
velocity in an extremely brief period of time, and the plastic
strain during this period is also extremely small. Conse-
quently, the formulation for the dynamic plastic behavior of

crystalline materials need take into account strain rate
changes only when information is needed for times less than
10 ~4 sec and for plastic strain less than about 10 ~4.

For most analyses on plastic wave propagation, interest
centers about longer times and larger plastic strains than
those occurring during the accelerative period, and time
need only be considered to the first-order terms of d7/d£.
Some dislocation processes that depend on time to the first-
order magnitude are listed under classes 2 and 3 in Table 1.
A typical example of the large effects of strain rate on the flow
stress is shown in Fig. 16.29~33 The data for slow strain-rate
tests reveal three regions where different deformation processes
are stress controlling. The thermally activated Peierls process
is operative over region I, whereas over region II the athermal
short-range order mechanism controls the flow stress, and in
region III a thermally activated diffusion process is strain-rate
controlling. Under dynamic testing, however, the upper
temperature limit of the Peierls mechanism Tc is shifted to
higher temperature. Furthermore, the times are so short
under dynamic test conditions that no plastic strain can result
at the higher temperatures from the diffusion-controlled
mechanism. Consequently, at sufficiently high strain rates
only the Peierls mechanism operates in this example.

The von Karman assumption that a = a{e} is useful only
in a few cases where dislocation processes are insensitive to the
strain rate, for example, due to short-range ordering. Such
athermal strain rate-insensitive processes are usually ac-
companied by low-temperature thermally activated mecha-
nisms, which, as previously discussed, replace the athermal
mechanism under high strain-rate conditions. If, however, no
low-temperature thermally activated mechanism operates
(Fig. 11), the plastic behavior remains athermal and in-
sensitive to strain rate for all test conditions. Only when these
stringent conditions are met is the von Karman assumption
that = cr{e} a reasonable approximation to the facts. For
all other cases, the strain-rate-sensitive theories of plastic
wave propagation should be employed.

Concluding Remarks

Whereas dislocation concepts and theory are now being
employed toward the development of new and better engi-
neering alloys, the great impact of dislocation theory on en-
gineering has resulted principally from the correlated and
unified philosophical approach it has given engineers toward
the understanding of the mechanical behavior of materials.
The author has attempted to set forth several items of re-
search progress of personal interest in order to illustrate how
dislocation theory works and how dislocations permit a de-
scription of plastic behavior in terms of the motion of lines of
elastic discontinuities in crystals. Thus, dislocation theory is,
in some respects, only a modest extension of the elasticity
theory that is so familiar to engineers.

It appears that any engineer whose work impinges upon the
behavior of materials is handicapped if he does not have at
least a modest background in dislocation theory. When the
few examples of deductions and correlations of mechanical
behavior, given in the text of this report, are supplemented with
the full scope of the application of dislocation theory to engi-
neering, the great utility of the theory to many types of
problems becomes ever more apparent.

As must be evident from the context of this report, disloca-
tion theory need not be extremely esoteric or complex. Every
engineer has the essential mathematical, physical, and
chemical background to understand and become familiar with
dislocations.
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